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Supérieure de Physique et Chimie Industrielles de la Ville de Paris, 10 rue Vauquelin,
F-75231 Paris Cedex 05, France
E-mail: jean-louis.halary@espci.fr.

The viscoelastic behavior of an alternating copolymer styrene-methyl methacrylate
(S-alt-M) of composition 50:50 mol% has been investigated over a wide temperature range
covering the glassy state, the glass transition region (governed by the mechanical
relaxation α), and the rubbery plateau. Data were discussed by comparison with the
styrene-methyl methacrylate random copolymer (S-r-M) of same composition. These
studies based on tensile and shear DMTA measurements, were carried out at various
temperatures and frequencies. In addition, stress-strain curves in compression mode were
recorded at various temperatures and strain rates in the glassy state. The activation
enthalpy and activation volume of the plastic deformation process with temperature was
measured for both S-alt-M and S-r-M. Data analysis was performed on a molecular scale, by
putting emphasis on the correlation existing between the amplitude of relaxation and the
β-relaxation character associated to the sequence length distribution of the copolymers.
From the orientation measurements of SM copolymers, carried out by infra-red dichroism,
on films stretched at various gaps (T − Tα) from the main relaxation temperature and at
various strain rates, it turned out that the M segments stayed even more oriented than the
S segments. Two distinct orientation relaxation curves were obtained for each type of
segments, irrespective of the type of copolymer. It was shown that they could be reduced to
unique ones after normalization by the zero time or zero (T − Tα) orientation value. All
these results were interpreted in relation to the role of polar-polar intermolecular
interactions between M-M units, which are likely to occur in the S-r-M copolymer, but were
quite lacking in the S-alt-M copolymer. However, the influence of the triad MSM on the
mechanical properties was shown to progressively decrease as long as the testing
temperature approaches or exceeds Tα. C© 2005 Springer Science + Business Media, Inc.

1. Introduction
Conventional polystyrene (PS) and poly(methyl
methacrylate) (PMMA) are known to behave differ-
ently in many respects in the solid state as well as in
solution though they have monomer units very similar
in volume and molecular weight and exhibit glass tran-
sition phenomenon in the same temperature range. For
example, the molecular weight between entanglements
of PS is roughly twice as that of PMMA.

During the past decades, some research in this labo-
ratory has focused on viscoelastic, orientation, and re-
laxation behavior of styrene-methyl methacrylate ran-
dom copolymers (S-r-M) [1–3]; viscoelastic and me-
chanical properties of methyl methacrylate-based ran-
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dom copolymers [3–6]; viscoelastic, orientation and
relaxation behavior of PMMA and PS homopolymers
[7–10].

In the recent literature, there are some interest-
ing results regarding the relationship between copoly-
mer sequence length distributions (i.e., arrangement
of comonomers) and their properties [11–14]. Suzuki
et al. proved that the distribution of the length of the se-
quence and also tacticity in SM copolymers influenced
the glass transition temperature (Tg) [11, 12]. Galvin
and coworkers showed that an alternating distribution
of SM copolymers leads to an improved miscibility with
PMMA compared to that of the random SM copolymers
[13, 14].
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The purpose of the present study is to report on the
viscoelastic behavior, plastic deformation, orientation
and orientation relaxation behaviors of an alternating
styrene-methyl methacrylate copolymer (S-alt-M) of
composition 50:50 mol%. Our objective is to compare
these new data to those already published for styrene-
methyl methacrylate random copolymers (S-r-M) and
in particular for that of same comonomer content as
the alternating copolymer. This approach should help
in clarifying the influence on mechanical properties of
S-M copolymers of the presence of MSM triads, which
are supposed to be the unique linkings in S-alt-M, but
on the other hand are much less abundant in S-r-M
copolymers.

2. Experimental
2.1. Materials
The styrene-methyl methacrylate alternating copoly-
mer (S-alt-M), 50 mole% of M, was obtained by
copolymerization of styrene and methyl methacrylate
monomers in the toluene medium using ethyl alu-
minium sesquichloride as the catalyst [15]. In order
to remove the low molecular weight chains, the sam-
ples were purified by precipitation in methanol from a
chloroform solution. Then, they were dried in a vacuum
oven at 40◦C to remove most of the solvent, and finally
dried at 150◦C for 24 h.

The alternating character of the monomer sequence
distribution of the S-alt-M sample has been checked
using carbon-13 nuclear magnetic resonance spec-
troscopy (NMR). As expected, the spectra (not shown)
obtained from CDCl3 solutions using a Bruker AC 200
spectrometer operated at 50 MHz and 25◦C does not
reveal the presence of M-M and S-S linkings.

The weight average molecular weight (Mw), number
average molecular weight (Mn), and polydispersity in-
dex (I = Mw/Mn), were measured by gel permeation
chromatography (GPC). The glass transition tempera-
ture Tg was obtained using a TA differential scanning
calorimeter (DSC) at a heating rate of 10◦C min−1.
The thermal and molecular weight characteristics of the
S-alt-M copolymer are listed in Table I. The character-
istics of the copolymer S-r-M, which will be used for
sake of comparison, are also recalled in Table I; they
have been taken from reference [1]. The Tg of S-alt-
M is slightly lower compared to the S-r-M, as already
observed by Suzuki et al. [11].

Within the framework of our studies, other important
features of the copolymers S-alt-M and S-r-M are their
configurational and conformational states. Tacticities
were determined according to the proton and carbon-
13 NMR methods available in the literature [16, 17].
The relevant amounts of triads mm (isotactic), rr (syn-

T ABL E I Main characteristics of the SM copolymers under study

Mw Mn I Tg(DSC)
Sample (kg mol−1) (kg mol−1) (Mw/Mn) (◦C)

S-alt-M 50:50 mol% 375 120 3.12 103
S-r-M 50:50 mol% 140 70 2.00 106

TABLE I I Configurational and conformational characteristics of the
SM copolymers

Triads Triads Triads Overall % of trans-trans
Sample mm (%) rr (%) mr (%) conformations

S-alt-M 50:50 mol% 24 19 57 3
S-r-M 50:50 mol% 17 34 49 42

diotactic) and mr (heterotactic) are given in Table II for
both S-alt-M and S-r-M 50:50 copolymers. The over-
all amount of trans-trans conformations in both samples
was deduced from the analysis of the infrared spectra in
the region 500–600 cm−1, as detailed in reference [2].
Data given in Table II show the drop in trans-trans con-
formations from S-r-M to S-alt-M. This result has been
mainly justified by the disappearance of SSM linkings
in S-alt-M [18].

2.2. Viscoelastic measurement conditions
The viscoelastic properties of the sample S-alt-M were
investigated over an extended temperature range cov-
ering the glassy state, the glass transition region, the
rubbery plateau, and the terminal zone by using com-
plementary testing systems. Test conditions were cho-
sen in such a way that the observed behavior strictly
obeys the laws of linear viscoelasticity.

A dynamic mechanical analyzer DuPont DMA 983
was used to explore temperatures ranging from −150◦C
to Tg + 10◦C and frequencies ranging from 0.1 Hz to
3 Hz. The applied strain was 0.15% in flexural mode.
The flexural data were transformed into E ′ and E ′′ by
using a routine available on the DMA and by taking
a Poisson ratio, averaged to 0.40 on the temperature
range under consideration.

The α relaxation region was investigated using a
servo-hydraulic testing machine MTS 831-10 which
was operated in a tensile mode. Twelve driving fre-
quencies per decade were chosen over the range 0.01
to 80 Hz. The samples were subjected to a static strain
of about 0.1% on which was superimposed a sinusoidal
strain varying from −0.05% to +0.05%. The tempera-
ture increment between successive measurements was
2◦C. A routine available with the instrumentation calcu-
lated the values of tensile storage modulus (E ′), tensile
loss modulus (E ′′), and the damping tan δ(= E ′′/E ′)
from the experimental values of stiffness and phase an-
gle δ. The measurements were performed from −85◦C
to 120◦C.

The rubbery plateau and terminal zones were inves-
tigated by oscillatory shear experiments performed on
a Weissenberg-type rheometer (Rheometrics RDA II)
operated in parallel-plate geometry. The driving angu-
lar frequencies covered the range 0.01 rad s−1–100 rad
s−1. Strain was varied from 1% in the plateau region
up to 7% in the terminal zone according to the sig-
nal obtained. Computer processing of the experimental
measurements yielded shear storage modulus (G ′), loss
modulus (G ′′), and tan δ = G ′′/G ′. The geometry of the
samples was dictated by the characteristics of the testing
machine. Bars of 10 × 60 × 2 mm3 were used for DMA.
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Bars (60 × 12 × 3 mm3), and disks (25 mm in diameter
and 1.6 mm thickness) were used with the MTS testing
system, and the Rheometrics equipment, respectively.
In order to eliminate water which might be associated
with the carbonyl group, all samples were compression
molded in vacuum at 160◦C and then quenched down
to room temperature.

2.3. Viscoelastic data analysis
One could refer for instance to references [1] and [10]
for more details on the data analysis procedure summa-
rized below.

In the secondary relaxation region, the frequency de-
pendence of the maximum of the E ′′ peak was analyzed
according to the Arrhenius equation:

log10
νT

νT0

= Ea

2.3R

(
1

T0
− 1

T

)
(1)

In the glass transition region, according to the
frequency-temperature superposition principle [19],
the curves of E ′ (or E ′′) versus frequencies can be re-
duced to a unique master curve at an arbitrarily chosen
reference temperature, T0, provided appropriate hor-
izontal shifts of log aT/T0 (often denoted log aT for
simplicity) are made along frequency scale. No verti-
cal shift was applied, considering the change of density
negligible over the temperature range under consider-
ation. The temperature dependence of the shift factor
is expected to obey the Williams-Landel-Ferry (WLF)
type equation:

log aT = − C0
1 (T − T0)

C0
2 + T − T0

(2)

which can be rewritten in the form:

T − T0

log aT
= −T − T0

C0
1

− C0
2

C0
1

(3)

where C0
1 and C0

2 denote the viscoelastic coefficients at
the temperature T0.

The consistency of the experiments can be checked
easily by plotting the (T − T0)/ log aT versus (T − T0):
the values of aT extracted from the construction of both
E ′ and E ′′ master curves do lead to a unique linear
plot. This behavior is actually observed for each fre-
quency, provided experimental data for temperatures
below the maximum of E ′′ are disregarded. Data with
T − T0 < 5◦C are also neglected, because too large un-
certainties affect the quantity (T −T0)/ log aT. The val-
ues of viscoelastic coefficients C0

1 and C0
2 can be de-

rived from the slope and intercept with the Y axis of the
straight line. With a view to compare different materi-
als, values of the viscoelastic coefficients Cg

1 and Cg
2

were determined systematically at Tα (1 Hz), taken as
the reference temperature and identified to Tg. This is

achieved using:

Cg
1Cg

2 = C0
1C0

2 (4)

and Tg − Cg
2 = T0 − C0

2 = Tinf (5)

Tinf is the temperature at which the cooperative mo-
tions involved in the glass transition would appear at
infinitely low driving frequency.

The molecular meaning of the coefficients Cg
1 and

Cg
2 could be extracted from the well-known equations

attached to the free volume theory [19], namely the
Doolittle equation [20] and the thermal expansion co-
efficient of the free volume above Tg. The following
relations hold:

Cg
1 = B

2.3 fg
(6)

and

Cg
2 = fg

αf
(7)

where fg is the fractional free volume available at Tg
and αf is the free volume expansion coefficient above
Tg. B is an empirical constant in the Doolittle equation
and is usually assumed to be unity.

One of the most important parameters in the rub-
bery zone is the pseudo-equilibrium modulus of the
entanglement network G0

n, which can be related to the
average molecular weight between coupling loci, Me,
through the relation [19]:

G0
n = gρRT

Me
(8)

where g is a numerical factor assumed to be unity, ρ

is the density, and R is the gas constant. G0
n may be

determined for instance as the storage modulus G ′ at the
frequency where tan δ is at its minimum in the plateau
zone. According to Wu, one can calculate the number
of real skeletal bonds Ne in an entanglement strand by
the formula [21]:

Ne = nr
Me

Mr
(9)

where nr and Mr are the number of skeletal bonds in a
repeat unit (in the present case, nr = 2) and the molec-
ular weight of repeat unit, respectively.

In the region where G ′ equals G ′′ and both quantities
depend on the square root of frequency, the monomeric
friction coefficient, ζoT, can be extracted from the Rouse
equation [19]:

G ′ = G ′′ = aρNA

4Mo

(
ζoTkT

3

)1/2

ω1/2 (10)

where ρ is the density, NA is the Avogadro number, Mo
is the monomer molecular weight, k is the Boltzmann
constant, ω is the frequency, and a is the characteristic
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length which is defined as:

a =
(

r2
o

Mn

)1/2

M1/2
o (11)

As a is unknown for most of the copolymers (and espe-
cially for the SM copolymers), it is usual to take a value
averaged from those of the parent homopolymers. In our

case, the available values of ( r 2
o

Mn
)1/2 are (640 ± 60) 10−4

nm.kg−1/2 and (670 ± 60) 10−4 nm.kg−1/2 for conven-
tional PMMA and PS, respectively [22, 23].

From ζoT, calculated at the reference temperature T,
the intrinsic monomeric friction coefficient, ζoo, (rela-
tive to the reference temperature Tinf) was finally de-
duced using the Vogel relation [19]:

ln ζoT = ln ζoo + 1

α f (T − Tinf)
= ln ζoo + 2.3CT

1

(12)

2.4. Plastic deformation measurements
Plasticity measurements were carried out in compres-
sion mode on a servo-hydraulic testing machine MTS
810 within a range of temperature −75◦C to 80◦C and
strain rate over the range 2 × 10−1s−1–2 × 10−4s−1.
The compression test specimens of size 3 × 3 × 5 mm3

were cut with a diamond knife using a Krautkramer
Isomet low speed saw.

For the yield stress, σy, calculation was done by the
maximum stress, and for the plastic flow stress, σpf, was
considered as the minimum stress of the stress-strain
compression curves which lead to plastic consolida-
tion. The softening amplitude, SA, was estimated from
the difference between the yield stress and plastic flow
stress, SA = σy − σpf. Yield stress, plastic flow stress,
and softening amplitude were calculated from curves
as the average on three to five samples.

The activation volume of the plastic deformation pro-
cess, Vo, and its activation enthalpy, 	Ho, can be cal-
culated using the equations [24–27]:

Vo = RT

(
d ln ε̇

dσy

)
T

(13)

and 	Ho = −T Vo

(
dσy

dT

)
ε̇

(14)

where ε̇ is the strain rate.
Basically, Vo is an index of the sensitivity of the plas-

tic deformation to strain rate, which is calculated from
the slope of the plots of yield stress versus logarithmic
of strain rate. All measurements were performed on
samples subjected to the same thermal history in order
to satisfy the required isothermal conditions.

2.5. Orientation measurements
Thin films suitable for infrared spectroscopy were ob-
tained by casting a 6% chloroform solution on a glass
plate. Subsequent annealing was done under vacuum
above Tg, in order to remove any trace of solvent and

residual stresses. Oriented samples from thin films were
obtained on an apparatus developed in our laboratory,
i.e., a stretching machine operating at constant strain
rate and equipped with a special oven designed to get a
very good thermal stability over the entire sample (ho-
mogeneity is ca. 0.2◦C). Draw ratios were measured
using ink marks on the sample. Under these condi-
tions, the degree of crystallinity of the samples is es-
sentially zero, as checked by DSC measurements. The
samples were stretched at five different temperatures
over the range 5.5 K ≤ T − Tα ≤ 17.5 K and three
different strain rates (0.115, 0.026, 0.008 s−1). The po-
larized spectra were recorded using a 7199, or a 205
Nicolet Fourier transform infrared spectrometer. A gold
wire-grid Specac polarizer, set at a maximum transmis-
sion position, was used and the samples rather than the
polarizer were rotated 90◦ in order to obtain the two
polarization measurements. A total at 100 co-added in-
terferograms were scanned at 2 cm−1 resolution. The in-
frared dichroism, R, was calculated as R = A‖ / A⊥ for
the peak absorbances A‖ and A⊥. Self-deconvolution
and curve analysis were realized using the Nicolet soft-
ware provided with the spectrometers. Dichroic ratio
measurements yield the second-order moment of the
orientation function according to the relations [28]:

〈P2(cos θ )〉 = 1

2

(
3 < cos2 θ > −1

)

= R − 1

R + 2

Ro + 2

Ro − 1
(15)

where θ is the angle between the chain axis and the
draw direction, and

Ro = 2 cot2 α (16)

where α is the angle between the chain axis and the
dipole moment vector of the considered vibration.
Choice of suitable bands was made according to the
earlier results of our laboratory on the orientation of
PMMA and S-r-MMA copolymer chains [2, 10]. The
orientation of the styrene segments, 〈P2(cos θ )〉S , was
measured from the dichroism of the 1028 cm−1 absorp-
tion band, which appears in a window of the PMMA
spectrum. This band corresponds to the in plane ν18a
mode of the benzene ring and makes an angle α= 90◦
with respect to the chain axis. As far as the MMA seg-
ments are concerned, no absorption band is absolutely
free of any contribution from the S segments. In fact,
〈P2(cos θ )〉MMA was measured from the dichroism of
the 1388 cm−1 band, which is assigned to the C-CH3
symmetrical bending vibration, whose dipole moment
vector is roughly perpendicular to the chain axis. It has
been shown [2] that some overlapping of this band with
the styrene band located at 1375 cm−1 results in a slight
underestimation of 〈P2(cos θ )〉MMA but this effect will
be neglected, as a first approximation, in our data anal-
ysis.

The dichroism measurements were taken on three
samples stretched in the same temperature and strain
rate conditions at a draw ratio of λ = 3. These results
were then extrapolated to λ = 4, the orientation function
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〈P2(cos θ )〉 being taken as a linear function of λ in these
experimental conditions.

2.6. Orientation relaxation measurements
The measurements on the S-alt-M were done for differ-
ent relaxation times, tR, between 0 to 3.2·103 s on sam-
ples stretched in the conditions: (T − T α) = 11.5◦C
and ε̇ = 0.115 s−1. With the goal of comparing the
relaxation of the two types of segments M and S, nor-
malized relaxation curves were drawn by considering
the time dependence of the ratio 
1 of 〈P2(cos θ )〉tR at
time tR to 〈P2(cos θ )〉o at initial orientation. Alterna-
tively, other normalized relaxation curves were drawn
by considering the temperature dependence of the ra-
tio 
2 of 〈P2(cos θ )〉(T − Tα) at given gap (T − Tα)
to 〈P2(cos θ )〉5.5K at the lower gap under consideration,
i.e. 5.5 K.

3. Results and discussion
3.1. The β relaxation
The loss modulus traces E ′′ (1 Hz) of alternating and
random SM copolymers are compared in Fig. 1 over the
temperature range −85◦C to 40◦C. As already known
[29], S-r-M presents a well-defined broad peak in the
secondary relaxation region. S-alt-M presents the same
behavior as S-r-M in the high temperature part of the
relaxation. Analysis of the frequency dependence of
the β relaxation maximum leads to the Arrhenius plots
of log10 ν versus reciprocal temperature, 1/T, given in
Fig. 2. The activation energies, Ea, deduced from the
slope of these plots according to Equation 1 are very
close to each other for S-alt-M and S-r-M, namely 48.5
kJ mol−1 for the former and 52.5 kJ mol−1 for the lat-
ter. However, as a noticeable peculiarity, S-alt-M also
exhibits a strong and continuous damping at low tem-
perature.

The molecular nature of the PMMA β relaxation has
been examined by NMR [29]. At this occasion, it has
been shown that the motions responsible for this pro-
cess couple a 180◦ rotation of the O C O lateral group
and a main-chain torsion of ca 20◦ around the local
chain axis. In the copolymers, it is reasonable assum-

Figure 1 Dependence of tensile loss modulus (E ′′) versus temperature
at the frequency 1.58 Hz.

Figure 2 Log10(ν, Hz)] versus reciprocal temperature (K−1) in the β

relaxation region for S-alt-M (•) and S-r-M (◦).

ing that the insertion of S units between two M units is
likely to facilitate the movement possibilities of the es-
ter groups, and, in turn, of the coupled MMA main chain
torsions, by screening the dipolar interactions between
ester groups. This effect is expected to be important in
S-alt-M, where all linkings are of SMS type, and much
less pronounced in S-r-M, where substantial amounts
of MMS and even MMM type linkings are present.
This explanation is consistent by the earlier observa-
tions of Muzeau et al. [30] on S-r-M copolymers of
variable S content: these authors observed that the tem-
perature of the maximum of MMA β damping (tan δ)
decreases with increasing styrene content. The progres-
sive ‘dilution’ of the MMA units along the chain would
also reduce the probability for MMS and MMM se-
quences, and therefore enhance the screening of MMA
dipolar interactions and render the low temperature β

motions much easier. Another (complementary) expla-
nation for the low temperature damping in S-alt-M can
be found in the lack of trans-trans conformations (Ta-
ble II): the correlative increase in trans-gauche and
gauche-gauche conformations, indeed, would be likely
to favor the ester group mobility, as detailed elsewhere
[18].

3.2. The α relaxation region
Let us consider now the viscoelastic data collected over
the temperature range 80–120◦C, i.e. the range where
the glass transition phenomena are likely to find a me-
chanical expression. Fig. 3 shows the temperature de-
pendence of the tensile storage modulus, E ′, loss mod-
ulus, E ′′, and tan δ for the S-alt-M copolymer at the
frequency 1 Hz. All the plots clearly account for the
occurrence of the main relaxation α, conventionally
characterized by the temperature, T α (1 Hz), corre-
sponding to the maximum of the E ′′ peak. The fre-
quency dependence of E ′ and E ′′ at various fixed tem-
peratures is shown in Fig. 4. Accurate master curves
(not shown) can be built from these data, and quanti-
tative analysis of the relevant shift factors aT accord-
ing to Equation 2 (Fig. 5) yields the values of Cg

1 and
Cg

2 , and then of Tinf = T α (1 Hz) − Cg
2 according to

Equation 5. All the above viscoelastic characteristics
relative to the S-alt-M sample are grouped in Table III,
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Figure 3 Variation of tensile storage modulus (E ′), loss modulus (E ′′),
and damping tan δ measured at 1 Hz versus temperature for the S-alt-M.

together with those relative to S-r-M, given for sake of
comparison.

It has been recognized for years that Tg (10◦C·mn−1)
and T α (1 Hz) present values very close to each other for
many polymers. Tables I and III show that this assess-
ment is quite well verified by both S-alt-M and S-r-M
copolymers. More interesting is to notice that S-alt-M
exhibits a slightly lower Tg (respectively, Tα (1 Hz))
than S-r-M. This could be justified by two arguments:
first, the lack of polar interactions in S-alt-M (already
discussed in the previous paragraph), which increases
the chain mobility; and secondly, the configurational
structure of the chains. It is known, indeed, that for
both polystyrene and PMMA homopolymers, Tg in-
creases with the increase in the number of syndiotactic

T ABL E I I I Viscoelastic characteristics of the SM copolymers in the
glass transition region

Tα (1 Hz) Cg
2 Tinf 102 fg/B 104 αf/B

Sample (◦C) Cg
1 (◦C) (◦C) (%) (◦C−1)

S-alt-M 99 10.9 35.0 64.0 3.98 11.38
S-r-M 103 11.9 36.5 66.5 3.65 9.99

Figure 4 Tensile storage modulus (E ′) [plot a] and loss modulus (E ′′)
[plot b] versus frequency (ν, Hz) for the S-alt-M at various tempera-
tures (◦C).

Figure 5 Analytic determination of the viscoelastic coefficients C0
1 and

C0
2 from the values of the shift factors aT for the S-alt-M copolymer at

the reference temperature T0 = 100◦C.

triads [22]. As S-alt-M possesses much less syndiotac-
tic rr triads and more isotactic mm triads than S-r-M
(Table II), then its Tg would be lower.

The criterion of higher mobility for S-alt-M as com-
pared to S-r-M also affects the values of the fractional
free volume available at Tα (1 Hz), fg, and of the
free volume expansion coefficient above Tα (1 Hz), αf,
(Table III): as expected, both quantities increase from
S-r-M to S-alt-M.

3.3. The deformation behavior below Tα

Examples of the experimental stress-strain curves ob-
tained either at variable temperature and constant strain
rate or at fixed temperature and variable strain rate are
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Figure 6 Typical stress-strain curves of the SM 50:50 copolymers: (Plot
a): temperature effect for the sample S-r-M at a constant strain rate
ε̇ = 210−2 s−1; (Plot b): strain rate effect for the sample S-alt-M at a
temperature of 60◦C.

shown in Fig. 6. Our set of data relative to the S-r-
M 50:50 copolymer are in quite good agreement with
those already published by Gloaguen et al. [31]. The
plot of yield stress, σy, versus temperature and plastic
flow stress, σpf, versus temperature at the regular strain
rate of 2·10−3s−1 are shown for both S-alt-M and S-r-
M samples in Fig. 7a and b, respectively. These results
can be discussed in relation to the lines of molecular
reasoning well established in recent publications [5,
6, 33–36]. The molecular motions involved in plastic
flow are the same as those concerned by the α relax-
ation: it is therefore not surprising that σpf temperature
profiles are roughly identical for S-alt-M and S-r-M.
The molecular motions involved at the yield point are
the same as those concerned by the β relaxation at the
temperature of interest: in the higher part of the relax-
ation, S-alt-M and S-r-M present roughly the same σy
profile as they present the same β relaxation profile
(Fig. 1); on the other hand, in the lower part of the re-
laxation, S-alt-M exhibits more damping than S-r-M,
which explains the larger facility of the former to attain
the yield at lower cost, i.e. at a slightly lower σy value.
In polystyrene, the softening amplitude SA = σy − σpf
is large because the β motions are poor plasticity pro-
moters as compared to the α ones; by contrast, SA tends
to vanish for PMMA at sufficiently high temperature,
because the β motions are quite similar to the α motions
(α-precursors) [6]. In the case of the SM copolymers
(Fig. 8), SA is quite large since the β motions tend
to be decoupled from the α ones. As expected, SA is
lower for S-alt-M than for S-r-M at low temperature,
and the reverse trend is observed on the high temper-

Figure 7 Yield stress,σy, and plastic flow stress, σPF, temperature pro-
files at a strain rate ε̇ = 210−3 s−1s for the S-alt-M (�) and S-r-M (�)
copolymers. (Plot a): yield stress; (Plot b): plastic flow stress.

Figure 8 Strain softening versus temperature for the SM 50-50 copoly-
mers at the strain rate ε̇ = 210−3s−1: (�) S-alt-M;(�) S-r-M.

ature edge, because of a better decoupling of α and β

motions.
Following the approach developed for instance by

Lefebvre et al. [25–27, 31], another way to provide a
molecular analysis of the plasticity phenomena is to
consider the strain rate dependence of σy (Equations 13
and 14). Fig. 9a and b show the temperature dependence
of the activation volume, Vo, and of the activation en-
thalpy, 	Ho, respectively. For both SM copolymers,
the Vo and 	Ho values increase with increasing tem-
perature. Because of a better precision on the measure-
ments, Vo is the more suitable quantity to be discussed
for comparison purpose. The larger values observed for
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Figure 9 Plastic deformation activation parameters versus temperature
for the S-alt-M (�) and S-r-M (◦) copolymers. (Plot a): activation vol-
ume Vo; (Plot b) activation enthalpy 	Ho.

S-alt-M may be understood, at least in the lower tem-
perature range, again as in index of easier development
of sheared micro-domains in relation to the presence of
more numerous mobility sites.

3.4. The viscoelastic behavior above Tα

In Fig. 10, the shear storage modulus, G ′, and the loss
modulus, G ′′, at various temperatures are plotted loga-
rithmically against the angular frequency, ω, for the S-
alt-M copolymer. Such curves of G ′ and G ′′ versus log
ω as well as similar curves for the dynamic viscosity,
η′, at various temperatures can be superimposed into
master curves by use of the time-temperature superpo-
sition principle, as described above. As an illustration,
Fig. 11 gives the master curve of G ′, G ′′, and η′ of
the S-alt-M at the reference temperature T0 = 140◦C.
By following the same procedure as described in para-
graph 3.2, an attempt has been made to evaluate the
values of C0

1 and C0
2 at the reference temperature T0,

then to derive from equations 4 and 5 the values of Cg
1

and Cg
2 at the reference temperature Tα , and finally to

compare theses values determined in the E ′ transient
plateau range to those above derived in the E ′′ maxi-
mum range. Such a procedure has given reliable results
for S-r-M [1]. For reasons not understood yet, it does
not work satisfactorily with S-alt-M data, which yield
appreciable discrepancies, as tentatively discussed in
reference [18]. Below, we will just consider the values
given in Table III.

The molecular weight between entanglements, Me,
of S-alt-M has been derived from the viscoelastic data
by using the Equation 8, and the number of real skele-

Figure 10 Variation of (a) shear storage modulus (G′), and (b) loss mod-
ulus (G ′′) versus angular frequencies (ω, rad s−1) for the S-alt-M copoly-
mer at various temperatures (◦C).

Figure 11 Master curves of shear storage modulus (G ′), loss modulus
(G ′′), and dynamic viscosity (η′) versus angular frequencies (ω, rad s−1)
for the S-alt-M copolymer at the reference temperature T = 140◦C.

tal bonds in an entanglement strand, Ne, has been de-
rived from Equation 9. For sake of consistency with the
S-r-M case, for which the value of Me has already been
published [1], the same density ρ = 1095 kg·m−3,
i.e. the average value of the densities of PMMA
(1150 kg·m−3) and PS (1040 kg·m−3) [22], has been
taken for the calculations. The values of G0

n, Me, and
Ne are given in Table IV for both S-alt-M and S-r-M.
One may consider that the S-alt-M chains are slightly
less entangled than the S-r-M chains, as the result of
a more pronounced dynamic flexibility. Their reduced
number of trans trans conformations at the benefit of
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T ABL E IV Rheological characteristics of SM copolymers in the
plateau region

Sample 10−5G0
n (N m−2) Me (kg mol−1) Ne

S-alt-M 2.84 13 255
S-r-M∗ 3.30 11.5 225

∗Data taken from reference [1].

T ABL E V Monomeric friction coefficient (N s m−1) of SM
copolymers

10−3 ln ζoT 10−3 ln ζoo

Sample at 140◦C at Tinf

S-alt-M −7.73 −19.29
S-r-M∗ −7.28 −20.87

∗Data taken from reference [1].

trans gauche and gauche gauche conformations may be
once more invoked to justify this feature.

Finally, the monomeric friction coefficients, which
characterize the resistance encountered by the
monomer units to move through their surroundings, are
given in Table V. The values relative to S-alt-M have
been calculated from the viscoelastic data of the present
study by using the Equations 10–12, those relative to S-
r-M have been taken from the literature [1]. One should
point out that the uncertainties on the values of ln ζoT
and mostly of ln ζoo are quite large: typically, the error
bar on ln ζoo can be estimated to ±1.4. Therefore, ζoo
values given in Table V should be regarded as identical
for S-alt-M and S-r-M and not discussed further.

3.5. The chain orientation and relaxation
above Tα

For S-alt-M, the second-order moments of the orien-
tation function, respectively 〈P2(cos θ )〉MMA for the
MMA segments and 〈P2(cos θ )〉S for the styrene seg-
ments, are given in Fig. 12. Whatever these quantities
are plotted as a function of the temperature gap (T − Tα)
(Fig. 12a) or as a function of reciprocal strain rate
(Fig. 12b), the effects of the competition between orien-
tation and orientation relaxation are obvious: the greater
the chain mobility, the lower the measured orientation
is. More important is to note that, for any stretching con-
dition, S and M segments orientations are different, M
segments being always more oriented than S segments.
Chain relaxation effects can be visualized by plotting
〈P2(cos θ )〉MMA and 〈P2(cos θ )〉S as a function of the
experimental relaxation time tR (Fig. 13a): in absolute,
the M segments relax much faster than the S segments. It
is interesting to compare the relaxation of the two kinds
of segments by considering the relaxation function 
1,
corresponding to the normalization of the orientation
function at time tR by the initial orientation function.
The results, given in Fig. 13b, show that in spite of a cer-
tain dispersion of the data points, the two segments have
a similar orientation relaxation profile. They are corrob-
orated, with a much greater accuracy, by plotting as a
function of (T − Tα) (Fig. 14) the relaxation function

Figure 12 Orientation of the M (•) and S segments (◦) of the S-alt-
M copolymer. (Plot a): influence of stretching temperature at the strain
rate ε̇ = 0.115 s−1; (Plot b): influence of strain rate at the reference
temperature such that T − Tα = 11.5 K.

Figure 13 Orientation relaxation of the M (•) and S segments (◦) of a
S-alt-M sample pre-strained till λ = 4 at a reference temperature such
that T − Tα = 11.5◦C and at a strain rate ε̇ = 0.115 s−1. (Plot a):
〈P2(cos θ )〉 versus relaxation time; (Plot b) 
1 versus time.


2, corresponding to the normalization of the orienta-
tion function at gap (T −Tα) by the orientation function
relative to the lowest gap available (5.5 K). From a qual-
itative viewpoint, the above described orientation and
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Figure 14 Orientation relaxation of the M (•) and S segments (◦) of a
S-alt-M sample pre-strained till λ = 4 at a strain rate ε̇ = 0.115 s−1:
master curve of 
2 versus T − Tα .

orientation relaxation behavior of S-alt-M is identical
to that previously reported for the S-r-M 50:50 copoly-
mer [2]: in comparable stretching conditions, MMA
segments orientation is larger than S segments orienta-
tion. In addition, S units orient more readily in S-r-M
than in polystyrene homopolymer, as they are influ-
enced by the neighborhood of MMA units [7]. Direct
comparison of the behavior of S-alt-M and S-r-M is
facilitated by the fact that both samples present the
same monomeric friction coefficients, which allows
unquestionably the (T − Tα) scaling [2]. Careful in-
spection of the data shows that, in identical stretching
conditions, the gap (〈P2(cos θ )〉MMA − 〈P2(cos θ )〉S)
is slightly larger for S-alt-M than for S-r-M. In ad-
dition, the relaxation rate of both S and MMA seg-
ments is lower for S-alt-M than for S-r-M. These re-
sults are consistent with the observations made on S-r-
M copolymers containing variable amounts of S units
[2].

4. Conclusions
On the example of the SM 50:50 alternating and ran-
dom copolymers, this study shows in what manner the
mechanical properties can be affected by the distribu-
tion of the two kinds of units along the chain. The re-
sults can be mainly interpreted in relation to the role
of polar-polar intermolecular interactions between M
units, which are likely to occur in the S-r-M copoly-
mer, but are quite lacking in the S-alt-M copolymer. It
is also shown that the influence of the triad MSM on
the mechanical properties decreases progressively as
long as the testing temperature approaches or exceeds
Tα .

These conclusions are probably not specific to the
case of the SM copolymers. They could be extended to
the case of any copolymer prepared from the mixture
of one non-polar monomer and one polar monomer,
likely to promote strong dipolar interactions. It would
also hold if one monomer is able to auto-associate itself
by hydrogen bonding.
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